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Abstract
The fracture behavior of hybrid carbon and glass fiber woven-ply reinforced polyether ether ketone thermoplastic quasi-
isotropic laminates is investigated. Single-edge-notch bending and single-edge-notch tensile tests were conducted at
room temperature and at a temperature higher than the glass transition temperature (Tg) to study the influence of both
the constraint effect and the temperature on the strain energy release rate in laminates with ductile polyether ether
ketone matrix and brittle fibers. As failure is primarily driven by fibers breakage in tension (single-edge-notch tensile test)
and in tension/compression (single-edge-notch bending), it turns out that a temperature increase has very little influence
on the mode I critical translaminar fracture toughness KIc though the ductility of polyether ether ketone matrix is
exacerbated at T> Tg. It also appears that the constraint effect has very little influence on KIc as single-edge-notch tensile
test and single-edge-notch bending specimens have virtually the same mean value (about 45MPa. m
p
). Single-edge-notch
bending specimens being characterized by a gradual failure, the G-R curves were derived from the computation of the
compliance loss and the corresponding gradual crack growth in agreement with the ASTM standard E1820. From the
evolution of the G-R curves at high temperature, the highly ductile behavior of the polyether ether ketone matrix at
T> Tg provides a good intrinsic toughness to the material, and the bridging of translaminar crack by the glass fibers at the
outer surfaces of laminates contribute to a moderate increase in its extrinsic toughness.
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Introduction
In a material, fracture toughness is classically deﬁned as
the energy required to extend a crack, in other words
to resist fracture under mechanical loading by means of
locally dissipative behaviors (e.g. plastic deformation or
damage mechanisms). In notched structures, plastic
and damage deformation mechanisms are instrumental
in redistributing the overstresses around the notch, and
therefore in modifying their fracture behavior.1 3 Early
in the seventies, it was shown that the fracture tough-
ness of engineering materials is improved by introdu-
cing tough ﬁbers into a brittle matrix,4 or brittle ﬁbers
into a ductile matrix.5 In polymer matrix composites
(PMCs), it is also well accepted that the insertion of a
ductile resin-rich layer between laminates’ layers is
found to increase signiﬁcantly their fracture resistance,
without altering its dependence on crack growth rate.6,7
The ﬁber/matrix adhesion also plays a major role in
fracture toughness as the adhesion rules the overstress
proﬁles in the vicinity of the ﬁber/matrix interface.8
In brittle matrices polymer composites, a too strong
interface discourages additional energy absorbing
mechanisms such as ﬁber bridging and breakage.3 In
tough matrices polymer composites, the strong ﬁber/
matrix interface is necessary to allow extensive deform-
ation of the matrix in order to fully utilize the intrinsic
matrix toughness.9 The question is still open when it
1INSA Rouen, Groupe de Physique des Mate´riaux, France
2Institut Cle´ment Ader, Universite´ de Toulouse, France
Corresponding author:
B Vieille, INSA Rouen avenue de l’universite´ St Etienne du Rouvray, 76801
France.
Email: benoit.vieille@insa-rouen.fr
comes to evaluate the inﬂuence of temperature and con-
straint eﬀect on the translaminar fracture toughness of
ductile thermoplastic (TP)-based composites with brit-
tle ﬁbers.8,10,11 When a notched laminate is loaded in
tension, a Fracture Process Zone (FPZ) is observed at
the notch tip,12 and gradually grows with increasing
load (Figure 1). Depending on stacking sequence and
constitutive materials, the crack path observed in ﬁber-
reinforced polymer laminates is often complex. The
crack propagates at a critical load, and the translami-
nar crack growth resulting from an initial transverse
notch is usually self-similar (Figure 2) in quasi-isotropic
brittle laminates.13 16 Thus, the extension of a self-
similar translaminar crack allows a global analysis
based on a global strain energy-release rate that is com-
puted from tensile loading.14 17
In most engineering materials, the fracture resistance
depends on their microstructure by means of two pri-
mary toughening (intrinsic and extrinsic) mechanisms.1
As pointed by Launey et al.,3 single-value parameters
(such as the mode I critical stress intensity factor KIc)
based on crack initiation are classically used to quantify
intrinsic toughness (associated with the nature of the
constituents and the reinforcement architecture).
However, these parameters cannot always capture the
ability of a microstructure to develop toughening mech-
anisms acting either ahead or behind the crack tip. The
fracture toughness of ﬁber-reinforced composites is
improved by increasing both micro- and meso-
structural resistances by changing the nature of con-
stituents, the ﬁbers and matrix distribution and/or the
interface properties to suppress damage (primarily
micro-cracking and ﬁber breakage) ahead of the crack
tip. These changes represent intrinsic toughening and
are instrumental in increasing the fracture toughness of
ductile materials. On the contrary, the fracture of brittle
materials is characterized by micro- and meso-struc-
tural mechanisms. These mechanisms result in eﬀect-
ively reducing the crack-driving force at the crack tip
by dissipating mechanical energy by means of local
plastic deformation, damage mechanisms, and ﬁbers
bridging (primarily associated with local debonding
and ﬁbers pull-out). These mechanisms represent
extrinsic toughening also known as crack-tip shielding.3
Contrary to intrinsic toughness, extrinsic toughness is
often developed primarily during crack growth result-
ing from crack-tip shielding mechanisms that result in
rising R-curve behavior.
Figure 2. Crack growth in single edge notch laminates (Adapted from Jones13): (a) Self similar and (b) nonself similar.
Figure 1. Typical fracture process zone at a sharp crack in
single edge notch composites loaded in opening mode.12
The modes of energy dissipation are mainly aﬀected
by the matrix fracture mode (brittle or ductile). This is
mainly determined by the loading rate or temperature
conditions in the literature.18 20
The energy dissipated during controlled crack
propagation in ﬁber-reinforced composites is usually
evaluated in terms of diﬀerent source mechanisms:
plastic deformation, ﬁber-snapping, matrix-cracking,
and ﬁber pull-out.13,15,21 In composite materials with
a brittle matrix, the energies dissipated during crack
initiation and propagation in the composite with a
weak ﬁber/matrix interface are derived principally
from the work of ﬁber pull-out (resulting from the fric-
tional forces that hold a broken ﬁber in its matrix
socket). In ductile matrix composite systems, the local
plastic deformation of the matrix must also be taken
into account in the total fracture toughness.19,22 The
mechanical behavior of polymer resins exhibits tem-
perature dependence (viscoelastic and viscoplastic
behaviors) not only above glass transition temperature
(Tg) but also below Tg. Kim and Phoa
22 have studied
the inﬂuence of temperature on interfacial debonding
on composites with TP-coated carbon ﬁbers. In the late
eighties, the elevated-temperature dependence of frac-
ture energy mechanisms of hybrid carbon-glass ﬁber
reinforced epoxy composites was studied by Munro
and Lai,20 who concluded that the work of fracture
increased with temperature and glass ﬁber content.
Indeed, the post-debond friction energy term was
shown to be dominant, resulting from an extensive
frictional work of the post-debond sliding type after
glass ﬁber failure, in addition to that from the glass-
ﬁber pull-out mechanism. Besides, the reinforcement
architecture (UD or woven fabrics) also appears to sig-
niﬁcantly inﬂuence the extrinsic toughness of
PMCs.23,24 The inﬂuence of temperature on the inter-
laminar fracture toughness of TP-based composites was
widely investigated in unidirectional composites as
reviewed in previous studies,7,8 and more speciﬁcally
in the case of woven-ply laminates.7,22 However, to
the authors’ best knowledge, there are no references
dealing with the inﬂuence of temperature on translami-
nar failure.
This study deals with the fracture mechanics of
hybrid laminated composites consisting of highly duc-
tile TP matrix (polyether ether ketone (PEEK)) and
brittle ﬁbers. The eﬀect of temperature and constraint
eﬀect on the strain energy release rate and crack exten-
sion of the laminates are speciﬁcally addressed in the
case of a mode I translaminar failure mode. On the one
hand, tests are carried out at room temperature (RT)
and at 150C (i.e. slightly higher than Tg as the
ductile behavior of PEEK matrix is exacerbated) to
examine the inﬂuence of temperature on fracture
energy. On the other hand, tests are conducted on
single-edge-notch tensile test (SENT) and single-edge-
notch bending (SENB) specimens with diﬀerent ratio
a/w to investigate the inﬂuence of constraint eﬀect
on fracture toughness. The G-R curves were derived
from the computation of the compliance loss and
the crack extension in agreement with the ASTM stand-
ard E1820.
Specimen description and test procedures
Materials
The laminated plates obtained by thermo-compression
are made up of carbon (Tenax-E HTA40 3K)–PEEK
5HS woven plies prepregs and glass–PEEK prepregs
(Table 1). The consolidated laminates consist of 14
inner carbon-PEEK plies and two outer glass-PEEK
plies.25 The two outer glass-PEEK plies are considered
for electrical protection purposes. In addition, the
carbon and glass ﬁber fabrics are balanced in the
warp and weft directions. The stacking sequence of
laminates is quasi-isotropic (as shown in Figure 3):
[(0/90)G,[(0/90),(45)]3,(0/90)]s (with G index for glass
ﬁbers ply). The average thickness of laminates is about
4.5mm. The single-edge-notch test specimens (tensile
and bending) were cut by water jet from
600 600mm2 plates (Figure 4). The machining of
the single-edge notches was done by means of a preci-
sion endless diamond wire saw whose radius was
0.085mm. The initial notch length to specimen width
ratio a/w ranges from 0.2 to 0.5 in both SENT and
SENB specimens.
Methods and experimental set-up
Thermo-mechanical testing. All the tests were performed
using a 100 kN capacity load cell of an MTS 810 servo-
hydraulic testing machine in displacement-controlled
Table 1. A few properties of woven carbon and glass fibers





Ex (GPa) 60 22
Ex (GPa) 60 20
Gxy (GPa) 4.8 6.55
vxy 0.04 0.04
Tensile strength (warp) (MPa) 963 1172
Compressive strength (warp) (MPa) 725 1103
Nominal ply thickness (mm) 0.31 0.08
Tg (
C) 145 145
PEEK: polyether ether ketone; RT: room temperature.
mode and with a temperature control system. Tensile
and three-point bending loadings were applied to
notched specimens at RT and 150C.
Three specimens were tested in each conﬁguration to
obtain an acceptable average value. The tensile mech-
anical properties were determined according to the
European standards EN 6035.26 In SENT specimens,
the longitudinal modulus ðEXÞ and ultimate strength
uð Þ were calculated from the following deﬁnitions
EX ¼ F
S:"X




where F is the diﬀerence in the applied tensile loads at
"Xð Þ2 ¼ 0:25% and "Xð Þ1 ¼ 0:05%,
S is the specimen cross section,
"X ¼ "Xð Þ2  "Xð Þ1 is the diﬀerence in the
longitudinal strains obtained from a blade-
extensometer,
Fu is the maximum force borne by the specimen at
failure.
The mechanical properties of C/PEEK and G/PEEK
elementary plies are speciﬁed in Table 1.25
The mechanical properties in bending were deter-
mined according to the European standards EN
Figure 3. Optical micrograph of the longitudinal section revealing the quasi isotropic stacking sequence of the laminates.
Figure 4. Geometry of single edge notched tensile specimens: (a) Tensile specimens and (b) bending specimens.




and bending ¼ 3Ps
2bw2
ð2Þ
where b is specimen’s thickness, s is the span between
the support points, and d is the displacement applied to
the upper part of the specimen (Figure 5(a)).
The bending stiﬀness is classically given by
Ebending ¼ P
us3
10bw3ðd1  d2Þ ð3Þ
where Pu is the ultimate load, d1 and d2 are the applied
displacement at Pu=2 and Pu=10, respectively.
Relationship between fracture toughness and strain energy
release rate. In orthotropic materials, the strain energy
release rate GI is classically obtained from the stress
intensity factor KI and the engineering constants
28
GIc ¼ CI:K2Ic ð4Þ









Let us recall that the coeﬃcient CI is simply given by
CI ¼ 1=E (E being the Young modulus) in the case of
isotropic materials. The estimation of the fracture
toughness depends on the geometry, the loading condi-
tions and the characteristic length of the initial notch
machined in the specimen to initiate failure.29 The most
commonly used specimens are SENB and SENT. The
ASTM standard E1820 test method covers procedures
and guidelines for the determination of fracture tough-
ness of isotropic materials using the following param-
eters:30 K, J, and crack tip opening displacement
(CTOD). The fracture toughness determined in
accordance with this test method is for the opening
mode (mode I) of loading. The studied composite
material has a quasi-isotropic behavior. To a ﬁrst
approximation, this method was applied to evaluate
the mode I strain energy release rate from SENT and
SENB specimens, as well as the crack growth in SENB
specimens.
SENT specimens. The use of stress intensity factor values
in engineering applications of fracture mechanics do
not require values computed with absolute precision.
Diﬀerent approximations were proposed for KI in the
literature,31 and the stress intensity factor is classically
estimated by analytical functions in SEN specimens in
mode I
KI ¼  a
p
:F a=wð Þ ð5Þ
where  is the remote applied stress, a denotes the
length of the initial crack, and w is the specimen
width (Figure 6). Fða=wÞ is a geometric ﬁnite-width-cor-
rection (FWC) function calculated from the ratio a/w
and empirical formulas. By deﬁnition, this FWC func-
tion is a scale factor applied to multiply the notched
inﬁnite-plate solution to obtain the notched ﬁnite-plate
result.32 For example, Gross and Srawley33 have pro-
posed the following expression in SENT specimens,
whose precision is 0.5% for a=w  0:6
F a=wð Þ ¼ 1:122 0:231  a=wð Þ þ 10:550  a=wð Þ2
 21:710  a=wð Þ3 þ 30:382  a=wð Þ4
ð6Þ
SENB specimens. As introduced in the case of SENT
specimens, the mode I fracture toughness is also
estimated from the equation (5). The geometric
Figure 5. Estimation of the crack growth according to the ASTM standard E1820 test method applied to SENB specimens:
(a) Dimensions and loading conditions and (b) crack growth vs compliance.
ﬁnite-width-correction function F a=wð Þ is calculated
from the ratio a/w and empirical formulas whose pre-
cision is 0.5% for any ratio a=w31




ð2:15 3:93  awþ 2:7  a=wð Þ2
ð1þ 2  a=wÞð1 a=wÞ3=2
ð7Þ
In SENB specimens, the ASTM standard E1820 test
method gives an estimation of the crack growth versus
applied stress.30 Thus, the crack length on an SENB
specimen is normally determined from crack opening
compliance. According to the ASTM standard, it is
determined from load-line compliance if the correct
calibration is available. For a resistance curve test
method using an elastic compliance technique
(Figure 5(b)) on single-edge bend specimens with
crack opening displacements measured at the notched
edge, the crack length ai is given as follows
ai=w ¼ ½0:999748 3:9504uþ 2:9821u2
 3:21408u3 þ 51:51564u4  113:031u5 ð8Þ





and B and W are the specimen thickness and width,
respectively,
E is the longitudinal stiﬀness,
Ci ¼ ðvm=PÞ is the crack opening compliance (the
ratio of displacement increment to load increment)
Figure 6. Longitudinal stress in the vicinity of the crack tip in QI SEN laminates loaded in mode I.
obtained from the crack opening displacement at
notched edge vm and the applied load P,
S is the specimen span, the distance between speci-
men supports (Figure 5(a)).
Finally, the expression of y at the crack tip
(Figure 6) is used to estimate the stress concentration
factor KT for mode-I type loading
29
KT ¼








where r ¼ 0:085 mm is the radius of the notch at the
crack tip and  is the remote applied stress far from the
notch.
Fractographic analyses. Damage mechanisms are dis-
cussed by means of fractographic analyses: macro-
scopic observations with a Keyence optical
microscope and tomographic observations with a
Microtomograph Easytom 130 supplied by the com-
pany RX Solutions.
Results and discussion
Macroscopic mechanical response and fracture
behavior
From the macroscopic response standpoint, both
SENT and SENB specimens exhibit a brittle failure at
RT with a tendency to shift towards a quasi-brittle fail-
ure (Figures 7 and 8) as the initial notch length-to-spe-
cimen width ratio a/w (typically from 0 to 0.5) and test
temperature increase. As the ratio a/w increases, the
stress concentration factor computed from equations
(6, 7, 9) gradually increases at the crack tip (Figure
9). In SENT specimens, the inﬂuence of stress concen-
tration is about the same with an 80% decrease in the
Figure 7. Constraint effect on SENT specimens: (a) RT and (b) 150C.
SENT: single edge notch tensile; RT: room temperature.
Figure 8. Constraint effect on SENB specimens: (a) RT and (b) 150C.
SENB: single edge notch bending; RT: room temperature.
Figure 9. Influence of temperature and constraint effect (quantified by the stress concentration factor) on the residual strength of
QI laminates: (a) SENT and (b) SENB.
SENT: single edge notch tensile; SENB: single edge notch bending.
residual strength at both temperatures (Figure 9(a)). In
SENB specimens, the constraint eﬀect (quantiﬁed by
the stress concentration factor Kt) decreases the resi-
dual strength by virtually 80% and 70% at RT and
150C, respectively (Figure 9(b)). In both SENT and
SENB specimens, the inﬂuence of temperature on the
residual strength is limited. The decrease in the residual
strength along with an increasing a/w ratio appears to
be hyperbolic in SENT specimens and linear in SENB
specimens.
In both SENT and SENB specimens, the micro-
scopic observations of failure surfaces clearly show
that fracture is translaminar in mode I loading even
at elevated temperature (Figures 10 and 11) regardless
of the a/w ratio. At RT, translaminar fracture is
observed in all specimens. The front views indicate
that the macroscopic translaminar macroscopic crack
grows self-similarly with respect to the initial notch in
SENT specimens. In SENB specimens with low a/w
ratio, the translaminar crack is not self-similar.
In SENT specimens, failure is primarily dominated
by the tensile breakage of 0 carbon ﬁbers, with no
visible contribution of the þ/45 plies suggesting
that the quasi-brittle failure observed at 150C is
primarily resulting from some ﬁber/matrix
debonding coming along with ﬁbers pull-out (edge
views Figure 10).
In SENB specimens, failure consists of tensile and
compressive breakage of 0 carbon ﬁbers particularly in
specimens with low a/w ratio (Figure 11). When loaded
in bending, the upper part of specimens (above the neu-
tral axis) is subjected to compression whereas the lower
part (below the neutral axis) is subjected to tension. In
addition, local crushing of the upper edges is observed
in the contact area. As a/w ratio increases (typically
from a/w¼ 0.3), the stress concentration factor Kt
increases as well (Figure 9(b)), and promotes a transla-
minar failure dominated by the tensile breakage of 0
carbon ﬁbers. No visible damage is observed on upper
edges of these specimens as the bending stress is lower
than the crushing stress.25 The gradual failure observed
at 150C is primarily associated with glass ﬁbers brid-
ging at the outer surfaces of specimens (Figure 12). The
ultimate strength of G/PEEK plies being lower than
C/PEEK plies, glass ﬁbers cannot take up the load
transferred to neighboring ﬁbers when carbon ﬁbers
fail. Thus, glass ﬁber bridging results from the debond-
ing at the glass ﬁber/matrix interface as is observed on
Figure 10. Microscopic observations of SENT specimens after failure in mode I at 150C.
SENT: single edge notch tensile.
the microscopic observation. As carbon ﬁbers breakage
comes along with the crack mouth opening, gradual
glass ﬁbers pull-out may be observed behind the crack
tip. In addition, temperature promotes local crushing
(resulting from compression) in the contact area, and
exacerbates ductility at T>Tg.
11,15 It therefore contrib-
utes to the retardation of the crack extension and the
increase in the fracture toughness as will be further
discussed in section ‘‘Inﬂuence of constraint eﬀect on
G-R curves’’.
Influence of temperature on G-R curves
Depending on the specimen’s geometry and the loading
mode, ﬁber-reinforced composites are generally charac-
terized by an observable stable crack growth before
instability,34 and the fracture toughness (or critical
strain energy release rate) usually increases with crack
extension before reaching a plateau value (Figure 13).
Thus, the critical fracture toughness Kc is not suﬃcient
to characterize the whole fracture behavior and the
concept of crack resistance curves (described as G-R
curves) has to be adopted.35 Within the framework of
LEFM, the determination of G-R curves is therefore
the key point to quantify fracture in terms of energy
required to grow a crack in quasi-isotropic laminates.
In the present work, the idea was ﬁrst to build equiva-
lent G-R curves based on the evaluation of fracture
toughness for diﬀerent ratios a/w and diﬀerent loadings
(e.g. tensile and bending). From equations (5–7), it is
possible to compute the value of the critical fracture
toughness KIc in SENT and SENB specimens
(Figure 14). As failure is primarily driven by carbon
ﬁbers breakage in tension (SENT) and in tension/com-
pression (SENB), it turns out that a temperature
increase has very little inﬂuence on the critical transla-
minar fracture toughness though the ductility of PEEK
matrix is exacerbated at T>Tg. It also appears that the
constraint eﬀect has very little inﬂuence on the critical
mode I fracture energy as SENT and SENB specimens
Figure 11. Microscopic observations of SENB specimens after failure in mode I at 150C.
SENB: single edge notch bending.
have virtually the same mean value (about 45MPa.
m
p
). With increasing ratio a/w, the strain energy
release rate increases gradually in SENT specimens
(Figure 14(a)), whereas it slowly increases and grad-
ually decreases in SENB specimens, resulting from
less contribution of compressive failure (Figure 14(b)).
According to equation (8), the crack length ai is
computed from the crack opening compliance as
described in ASTM standard E1820. Thus, the critical
strain energy release rate in opening mode GIc is
classically obtained from the load-line compliance







where d represents the applied displacement, P the force
borne by the specimen, and B is the specimen width.
The G-R curves are drawn from this expression and
the translaminar crack extension (Figure 15). This
Figure 12. Illustration of crack extension and crack mouth opening displacement in SENB specimens at 150C (a/w 0.3): influence
of fiber bridging on extrinsic toughness.
SENB: single edge notch bending.
Figure 13. Determination of the critical fracture toughness from R or J curves.16
technique was applied to the tests conducted at both
temperatures. As will be discussed in section
‘‘Translaminar failure in SENB specimens,’’ the grad-
ual failure observed at high temperature is associated
with glass ﬁber bridging. This contributes to the
increase in the extrinsic toughness, hence slowing
down the crack extension (Figure 12). The equivalent
G-R curves built from equation (4) and the fracture
toughness at crack initiation KI corresponding to dif-
ferent ratio a/w (Figure 14) are reported in Figure 15 in
terms of strain-energy release rate in both test tempera-
tures. It is therefore possible to compare the evolution
of the strain energy release vs crack propagation with
the values of GI init at crack initiation computed from
diﬀerent ratio a=w. The values at initiation computed
from LEFM equations31 are in agreement with the
values obtained during propagation from the compli-
ance loss (ASTM standard E1820). As indicated previ-
ously, a temperature increase to temperatures higher
than Tg has little inﬂuence on the translaminar fracture
toughness, and the mean value of GIc (computed from
equation (4)) slightly increases at 150C (from 41 kJ/m2
to 44 kJ/m2, hence a 7% increase) because the mechan-
ical properties of the equivalent orthotropic material
slightly change between RT and 150C resulting from
the softening of the PEEK matrix (Table 2).
Influence of constraint effect on G-R curves
In PMCs, Allaer et al.36 have studied the inﬂuence of
the constraint eﬀect during fracture toughness tests by
means of SENB specimens in order to deﬁne a valid
plane strain fracture toughness value KIc. The inﬂuence
of crack tip constraint eﬀect (depending on the speci-
men geometries and the loading conditions) and stress
Figure 14. Influence of temperature and constraint effect on the mode I fracture translaminar toughness of QI laminates: (a) SENT
and (b) SENB. SENT: single edge notch tensile;
SENB: single edge notch bending.
Figure 15. Evolution of strain energy release rate along with
the crack growth in SENB specimens with different ratio a/w:
(a) RT – (b) 150C.
SENB: single edge notch bending; RT: room temperature.
Table 2. Mechanical properties of the equivalent orthotropic
material – Quasi isotropic CG/PEEK laminates.
Ex (GPa) Ex (GPa) Gxy (GPa) vxy C1 GPa
1 
RT 49.58 49.58 15.76 0.289 0.0215
150C 45.55 45.55 14.48 0.266 0.0236
PEEK: polyether ether ketone; RT: room temperature.
triaxiality (depending on the initial notch length to spe-
cimen width ratio a/w) on ductile and brittle fracture is
of major importance for the assessment of structural
integrity. The loss of constraint eﬀect is related to the
position and the size of the plastic zones. Indeed, the
deeper the notch and the higher the test temperature,
the greater are the plastic zone and constraints (result-
ing from the triaxial stress state). Therefore, the higher
the loading force must be to deform the sample.2 As a
consequence, it is usually observed that the decrease in
crack tip constraint (the stress concentration at the
notch root is oﬀset by plastic deformation) leads to
an increase of the fracture toughness (corresponding
to a ductile failure).
Translaminar failure in SENB specimens
As pointed in section ‘‘Macroscopic mechanical
response and fracture behaviour,’’ the fracture mechan-
isms are modiﬁed at T>Tg because of glass ﬁber brid-
ging behind the crack tip and local plastic deformation
in matrix-rich areas ahead of the crack tip as transla-
minar crack grows (Figure 12). It appears that both
mechanisms are enhanced when matrix ductility
increases. Indeed, instead of the sudden breakage of
0 carbon ﬁbers at RT, the ductile behavior of the
PEEK matrix at the ﬁber/matrix interface contributes
to the dissipation of a portion of the mechanical energy
during the load transfer between a broken ﬁber bundle
and the neighbor ﬁbers.
In order to investigate more speciﬁcally the contri-
bution of the 0 and þ/-45 oriented plies in quasi-iso-
tropic CG/PEEK laminates, X-ray tomographic
observations were conducted in SENB specimens with
a ratio a=w ¼ 0:3 (Figure 16). In 0 plies, a clear trans-
laminar crack is observed suggesting the catastrophic
failure of 0 carbon ﬁber bundles initiated from the
stress concentration in the vicinity of the initial notch.
A local crushing (or compressive failure) of laminates’
upper edges in the contact area with the upper cylinder
is also observed. Inþ /-45 oriented plies, the fracture
surface reveals the breakage of þ/45 carbon ﬁbers in
shearing. In QI laminates, the macroscopic failure is
primarily dominated by 0 ﬁbers, resulting in a virtually
temperature-independent behavior (even at T>Tg) as
theþ /45 oriented plies do not signiﬁcantly contrib-
ute to bear the mechanical loading. From the fracture
mechanics standpoint, the translaminar failure is
initiated when the stress intensity factor in tension
reaches its critical value KtensionIc .
A brittle interface allows crack advance by sudden
breakage of 0 carbon ﬁbers, while a ductile interface
forms a well-deﬁned glass ﬁber-bridged crack poten-
tially leading to divert the crack front and to reduce
crack growth.34 After the failure of carbon ﬁbers, the
broken glass ﬁber locally debonds from the matrix,
and the matrix surrounding the broken ﬁber ends is
stressed at a signiﬁcantly higher level than prior to the
ﬁber failure. The resulting temporary and local plastic
deformation of the matrix in this area comes along
with a gradual pull-out of 0 glass ﬁbers at 150C as
the translaminar macroscopic crack grows, therefore
leading to glass ﬁber-bridging that reduces the crack
mouth opening. At RT, pull-out is reduced as sudden
breakage of 0 carbon ﬁbers does not allow the matrix
to dissipate the mechanical energy by means of
Figure 16. Tomographic observations of SENB specimens (a/w 0.3) at 150C.
SENB: single edge notch bending.
inelastic deformation and does not imply signiﬁcant
interface debonding in the outer G/PEEK plies.
These mechanisms are instrumental in ruling the
mechanical energy released during fracture. More spe-
ciﬁcally, the strain energy release rate increases at
macroscopic scale resulting from enhanced ductility
of the PEEK matrix at microscopic and mesoscopic
scales as temperature increases. In addition, a larger
number of glass ﬁbers bridge the crack as it grows.
Ultimately, such ﬁber-bridging results in increasing the
mode I translaminar toughness during the last stage of
fracture.
Influence of glass fibers on extrinsic toughness
SENB specimens are characterized by a gradual failure
(particularly at 150C as explained in section
‘‘Translaminar failure in SENB specimens’’). G-R
curves were derived from equation (10) and the corres-
ponding gradual crack growth in agreement with the
ASTM standard E1820. It is therefore possible to
observe a sigmoid evolution of crack extension vs
time (Figure 17). Until crack initiation at maximum
stress (about 350 MPa for a 1.7% axial strain), the
crack length is virtually unchanged. Therefore, it sud-
denly increases and jumps are clearly observed on the
curves obtained from the ASTM method. These jumps
are associated with the breakage of 0 carbon ﬁbers.
The stress redistribution to the neighboring ﬁbers was
described in details in section ‘‘Translaminar failure in
SENB specimens’’. Both glass ﬁber bridging and local
plastic deformation of the PEEK matrix at the interface
and at the crack tip contributes to the momentary sta-
bilization of the crack growth. At the end of loading,
when the stress borne by specimens tends to low values
(typically less than 100 MPa as shown on Figure 8(b)),
it appears that there are no jumps (because all the 0
ﬁbers are broken), and the crack extension gradually
slows down as there are lots of bridged glass ﬁbers
behind the crack tip reducing the crack mouth opening
(microscopic observations on the left on Figure 12).
Thus, the fracture process zone consists of two zones
(behind and ahead of the crack tip) resulting from the
damage mechanisms taking place during translaminar
cracking:35,37
1. The damage zone ahead of the advancing crack tip
where matrix cracking, interfacial debonding, and
post-debonding friction occurs;
2. The glass ﬁbers bridging zone or tied zone at the
wake of the crack tip where glass ﬁbers bridge the
opposite fracture surfaces and pull-out.
These two zones are closely associated with both
intrinsic and extrinsic fracture toughness. In the present
case, the highly ductile behavior of the PEEK matrix at
T>Tg provides good intrinsic toughness to quasi-iso-
tropic hybrid laminates, whereas the bridging of macro-
scopic translaminar crack by the glass ﬁbers at the
outer surfaces of laminates contributes to the increase
in its extrinsic toughness. This evolution of the G-R
curve is in agreement with the observations proposed
in previous studies:3 5,20,37 extrinsic toughness primar-
ily contributes to the increase in the fracture energy
during crack growth by means of crack-tip shielding
mechanisms that result in rising R-curve behavior.
The purpose of the present work was not to specif-
ically address the inﬂuence of hybridization on fracture
toughness (it will be investigated in a forthcoming
paper). However, the eﬀect of the extrinsic toughening
by the glass ﬁbers is indeed expected to be small. For
quantiﬁcation purposes, the extrinsic toughening by the
glass ﬁbers is evaluated from tests on SENT specimens
(with a ratio a/w¼ 0.3) consisting of carbon ﬁber rein-
forced PEEK matrix laminated composites on the one
hand and glass and carbon ﬁber reinforced PEEK
Figure 17. Evolution of the crack growth estimated by the
ASTM standard E1820 test method applied to SENB specimens
(a/w 0.3) at 150C.
SENB: single edge notch bending.
Figure 18. Influence of outer glass fibers/PEEK laminates on
the tensile response of SENT specimens (a/w 0.3) at 150C.
SENT: single edge notch tensile.
matrix composites on the other hand (Figure 18).
From the macroscopic mechanical standpoint,
the outer glass ﬁber PEEK plies have a moderate inﬂu-
ence. From these tests, the mode I fracture toughness is
evaluated by equations (5) and (6). The results suggest
that glass ﬁbers virtually do not inﬂuence KIc as it
increases from 50.04 to 53.06 MPa. m
p
(hence a 6%
increase) in C/PEEK and CG/PEEK laminates,
respectively.
Conclusions
Tensile and bending tests were conducted at RT and
150C (T>Tg) on single-edge notched specimens con-
sisting of hybrid carbon glass reinforced PEEK com-
posite materials. In the studied quasi-isotropic
laminates, the translaminar crack is dominated by the
breakage of 0 carbon ﬁbers, and appears to be self-
similar in both SENT and SENB specimens.
Equivalent G-R curves are obtained from SENT and
SENB specimens with diﬀerent initial notch length to
specimen width ratio a/w (typically from 0 to 0.5). As
failure is primarily driven by carbon ﬁbers breakage in
tension (SENT) and in tension/compression (SENB), it
turns out that a temperature increase has very little
inﬂuence on the mode I critical translaminar fracture
toughness KIc though the ductility of PEEK matrix is
exacerbated at T>Tg. It also appears that the con-
straint eﬀect has very little inﬂuence on KIc as SENT
and SENB specimens have virtually the same mean
value (about 45 MPa. m
p
).
G-R curves were derived from the computation of
crack growth and compliance loss in agreement with
the ASTM standard E1820. After reaching a plateau
value, the critical strain energy release rate in mode I
gradually increases as the translaminar crack ultimately
grows. The late increase in translaminar toughness
results from both intrinsic and extrinsic toughness
that are speciﬁcally enhanced at T>Tg. The fracture
energy is associated with the brittle failure of carbon
ﬁbers leading to gradual ﬁber bridging of glass ﬁbers
(contributing to a reduced extrinsic toughness), whereas
the highly ductile PEEK matrix provides the composite
material its intrinsic toughness by means of local plastic
deformation at the crack tip and around the broken
ﬁbers ends.
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